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Abstract 

AlSi10Mg is the most widely studied Al alloy used to produce components by Laser-based Powder Bed 

Fusion (LPBF), also known as Selective Laser Melting (SLM). Several papers have already investigated the 

effects of conventional heat treatment on the microstructure and mechanical behavior of the LPBF AlSi10Mg 

alloy, overlooking, however, the particular microstructure induced by rapid solidification. This paper reports 

on the effects of a T5 heat treatment and a novel T6 heat treatment on microstructure and mechanical 

behavior of the LPBF AlSi10Mg alloy, consisting of rapid solution (10 min at 510 °C) followed by artificial 

aging (6 h at 160 °C). The short solution soaking time reduced the typical porosity growth occurring at the 

high temperature and led to a homogeneous distribution of fine globular Si particles in the Al matrix. In 

addition, it limited the diffusion processes, increasing the amount of Mg and Si in solid solution available for 

precipitation hardening and avoiding the microstructural coarsening. As a result, the strength-ductility 

balance was improved by increasing both yield strength and elongation to failure, respectively of about 14% 

and 7% compared with the best solution among those reported in the literature for conventional T6 heat 

treatment of LPBF AlSi10Mg alloy. 
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1. Introduction 

The AlSi10Mg alloy is currently the most investigated Al alloy in Additive Manufacturing (AM), mainly for the 

Laser-based Powder Bed Fusion (LPBF) process, also known as Selective Laser Melting (SLM), due to its 

high AM feasibility [1-3] and positive response to heat treatment [4-6]. These features make it ideally suited 

to the production of lightweight and thin-walled parts as well as more complex shaped components subjected 

to high mechanical loads [7-9]. As widely described in the literature, LPBF technology enables components 

to be produced through a layer-by-layer deposition process [3,7]. The interaction between the laser beam 

and the material determines the fusion of a localized area, generating a semicircular molten pool, called Melt 

Pool (MP) [8,9] and the growth of columnar epitaxial grains from the solid substrate during the layer-by-layer 

deposition process [1,3]. Because of the particular solidification conditions a hierarchical microstructure is 

formed. Epitaxial solidification and competitive growth promote the formation of a directional microstructure 

aligned with the direction of maximum thermal flow at the solid/liquid interface [10,11]. The non-equilibrium  
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solidification conditions into the MP lead to the development of a metastable fine cellular microstructure 

within the columnar epitaxial grains which are characterized by sub-micrometric cells of supersaturated α-Al 

solution surrounded by a eutectic Si network [10-13] and a limited precipitation of Mg2Si and Si particles 

[14,15]. Compared with the Melt Pool Core (MPC), the continuous heating and cooling cycles, necessary for 

the complete printing of the 3D component, generate a Heat Affected Zone (HAZ) adjacent to the Melt Pool 

Borders (MPB) where the eutectic Si network appears fragmented and is characterized by the presence of 

small agglomerated Si particles [11,16]. Moreover, the limited control over material solidification during LPBF 

leads to the development of defects, such as gas porosities and lack of fusion zones [17-20]. The ultra-fine 

cellular microstructure, characterizing the as-built AlSi10Mg alloy, leads to the synergistic effect of multiple 

strengthening mechanisms including: microstructural refinement, solid solution, aggregated second phase 

(eutectic Si network), high dislocation density and limited precipitation hardening. Consequently, a higher 

tensile strength is generally obtained, although with lower ductility and toughness, than the as-cast Al alloys 

[11,14,15,21-23].  

As widely reported in the literature, several heat treatments have been recently applied to the as-built 

AlSi10Mg in order to improve its mechanical properties.  

T5 heat treatment (direct artificial aging (AA)), carried out at aging temperature (TAA) between 150 and 180 

°C and aging time (tAA) between 2 and 6 h, is applied to slightly reduce residual stresses and to increase 

material strength without reducing ductility [15,24,25]. The T5 heat treatment, in fact, does not affect the 

characteristic as-built microstructure (MP structure, epitaxial grains and cellular sub-structure) but, because 

of the short diffusion distances of Si atoms from the supersatured Al lattice, it promotes the formation of 

acicular nano-sized Si precipitates and Mg2Si precursors within the cells of the Al matrix [15,26,27], which 

lead to an increase in both hardness and tensile strength. 

Stress relieving (SR), with an annealing temperature (TSR) around 300 °C and time (tSR) up to 2 h, is applied 

to reduce residual stresses and to increase ductility in as-built LPBF AlSi10Mg alloy. After 1 h at 300 °C, in 

fact, the metastable as-built microstructure evolves towards a more stable condition with the formation of 

globulized Si particles and the partial disappearance of the MPs, without clear effects on the epitaxial grains. 

The residual stresses are almost completely relieved [24,28-31], the ductility of the alloy increases, but yield 

strength and ultimate tensile strength drop [15,27,30].  

Conventional T6 heat treatment is carried out with a solution temperature (TSHT) between 510 and 550 °C, a 

solution time (tSHT) between 1 and 8 h, an aging temperature (TSHT) between 160 and 190 °C, an aging time 

(tSHT) between 4 and 12 h. As a matter of fact, the T6 heat treatment deletes the MP structure, inducing a 

negligible epitaxial grains growth and forming a more homogeneous composite-like microstructure of Si 

particles embedded in the α-Al phase matrix [15,22,32-34]. These changes are promoted by the high 

temperatures and the long soaking time of the solution step (SHT), which cause firstly the dissolution of the 

eutectic Si network and then the coalescence of the Si particles due to Si diffusion from the supersaturated 

α-Al phase [28,32,35]. In addition, as described by Tonelli et al. [26], the high temperature of the SHT step 

makes it possible to reduce the anisotropy of the as-built microstructure and to completely relieve residual 

stresses after only 10 min. Unfortunately, the high solution temperature also leads to the increase of the gas 

porosities size, due to the expansion of the occluded gas [36,37]. However, during AA the precipitation of 
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both β′′ and β′ strengthening phases (precursors of the Mg2Si equilibrium phase) occurs, leading to 

precipitation hardening [5,32,37]. The T6 heat treatment therefore makes it possible to obtain a balance of 

the mechanical properties by improving toughness and ductility (thanks to the composite-like microstructure) 

without inducing a decrease in yield strength (due to the increased contribution of the precipitation 

hardening) and simultaneously improving the fatigue behavior, as described in [15,23,32,37].  

For these reasons, the optimization of the T6 heat treatment parameters and its effects on the LPBF 

AlSi10Mg alloy are still widely studied. According to most researches [35,37-39], the distribution, size and 

morphology of the Si particles represent the most important microstructural aspects that influence the 

mechanical properties of the T6 heat-treated LPBF AlSi10Mg alloy. In their studies Tocci et al. [37] and 

Wang et al. [6] described the detrimental effects of the coarsening of the Si particles on the strength of the 

T6 heat-treated alloy. Iturrioz et al. [35] and Mertens et al. [38] also underlined the importance of limiting the 

Si particle size in order to improve cohesion between the Si particles and the Al matrix, hence increasing the 

elongation to failure. Zhang et al. [39] suggested that a homogeneous distribution of fine Si particles could 

lead to a concurrent increase of both the alloy strength and ductility, induced by the higher cohesion between 

Si particles and Al matrix. Domfang et al. [33] and Alghamdi et al. [34], in contrast, highlighted the following 

points: (i) the T6 heat treatment marginally affects the epitaxial grains size and morphology; (ii) the 

modification of grain size and/or morphology do not induce appreciable effects on the static mechanical 

response of the LPBF AlSi10Mg alloy. 

Based on the above considerations, the strength-ductility trade-off in the T6 heat-treated LPBF AlSi10Mg 

alloy can be clearly improved by reducing the size and homogenizing the distribution of the Si particles, as 

well as by avoiding the growth of gas pores during the high temperature solution treatment. Despite this, up 

to now the research has largely focused on the assessment of the T6 heat treatment effects, carried out with 

typical parameters used for cast components, without fully investigating possible modification of the solution 

parameters in order to induce a customized microstructure and therefore to optimize the mechanical 

properties. To the best of our knowledge, only Li et al. [32] and Iturrioz et al. [35] have systematically studied 

the influence of solution temperature on LPBF and T6 heat-treated AlSi10Mg alloy, but the effect of a rapid 

solution (soaking time significantly shorter than 1 h) has not been analyzed yet. 

For these reasons, the present work will focus on the development of an innovative T6 rapid heat treatment 

for LPBF AlSi10Mg alloy, based on a rapid SHT capable of homogenizing the microstructure and relieving 

the residual stresses of the as-built microstructure, without losing its particular microstructural fineness and 

the strengthening mechanisms associated with it. Our attention is focused on the effects of the solution 

temperature and the short soaking time on: (i) size, morphology, and distribution of Si particles; (ii) gas pores 

size; (iii) Al matrix supersaturation. Understanding these aspects has enabled the definition of customized 

heat treatment parameters for the LPBF AlSi10Mg alloy, capable of improving the material’s strength-ductility 

balance, based on a new approach for this alloy. To evaluate the achievement of this objective, the tensile 

properties of the alloy after the new T6 rapid (T6R) heat treatment were compared with the properties of the 

alloy in the as-built (AB) condition and after a T5 (T5) and T6 benchmark (T6B) heat treatments, considered 

able to induce in the alloy the best strength-ductility trade-off among those reported in the literature. 
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However, the influence of the T6R on the residual stresses will be not considered. In fact, the residual 

stresses have a negligible effect on static mechanical properties [1,3,8] and, more importantly, heat 

treatments carried out in the range 290 ÷ 540 °C allow the residual stress of the LPBF AlSi10Mg alloy to be 

almost completely relieved in a short soaking time: 45 min at 290 °C and 10 min at 540 °C [24,26]. Therefore 

significant differences between the T6R or the T6B tensile strength due to the residual stresses are not 

expected.   

2. Experimental 

2.1 Material and LPBF process 

Gas atomized powders of AlSi10Mg alloy, with the nominal chemical composition given in Table 1 and 

physical properties given in Table 2, were used to produce rod specimens (diameter of 9 mm and height of 

77 mm) by LPBF with their longitudinal axis corresponding to the vertical building direction z (Fig. 1.a). 

Table 1. Chemical compositions (wt%) including: (i) AlSi10Mg powders, supplied by the producer; (ii) rod specimens, evaluated by 
means of glow discharge optical emission spectroscopy (GD-OES); (iii) the nominal composition of the AlSi10Mg alloy, according to EN 
AC-43000. 

Element 
(wt%) 

Al Si Mg Fe Cu Mn Ni Pb Sn Ti Zn 

Powders  Bal. 9.21 0.27 0.15 0.001 0.006 0.003 0.001 <0.001 0.05 0.002 

Rod 
specimens 

Bal. 
9.662  

± 0.103 
0.285 

± 0.020 
0.120 

± 0.017 
- 

0.006 
± 0.001 

- 
0.008 

± 0.002 
0.025 

± 0.010 
0.017 

± 0.003 
0.042 

± 0.009 

EN AC-43000 Bal. 9÷11 0.20÷0.45 <0.55 <0.05 <0.45 <0.05 <0.05 <0.05 <0.15 <0.10 

Table 2. Physical properties of the AlSi10Mg powders supplied by the producer. 

Tap density 
[g/cm3] 

ASTM B527 

Carney Apparent density 
[g/cm3] 

ASTM B417 

Relative humidity  
[%] 

Static Carney Flow test 
[s/150g] 

ASTM B964 

Powders range size  
[µm] 

ASTM B822, B221, B214 

1.8  1.49  4.6% 32  20÷63 

 
Fig. 1. Schematic illustration of the (a) building orientation and (b) scan strategy of the rod specimens. 

A SLM500 system (SLM Solution Group AG, DE [41]), including a build chamber of 500x280x365 mm3 and 

four Yttrium fiber laser sources (4x400 W) was used for manufacturing the samples. The specimens were 

fabricated on a heated platform (150 °C)  using a bidirectional stripes scan strategy of 67° rotation between 

subsequent layers (Fig. 1.b) and a re-melted contour zone strategy at the end of each scanning. The build 

chamber was backfilled with Ar with low oxygen content (<0.2 vol.%). The samples were removed from the 

platform through wire electrical discharge machining. The LPBF process parameters are reported in Table 3. 
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Table 3. LPBF process parameters set for building AlSi10Mg samples. 

Atmosphere 
Heated 

platform  
[°C] 

Laser power 
[W] 

Scan speed 
[mm/s] 

Spot 
diameter 

[μm] 

Layer 
thickness 

[μm] 

Hatch 
distance 

[μm] 

Energy 
density 
[J/mm3] 

Argon, 
O2 <0,2% 

150 350 1150 80 50 170 36 

Glow Discharge Optical Emission Spectroscopy (GD-OES) was used to check the chemical composition of 

the as-built specimens (Table 1) according to ISO 14707:2015 [42]. Their composition matched the 

requirements given by the EN AC-43000 data sheet for AlSi10Mg, also reported in Table 3 for comparison. 

No significant differences in the composition of the LPBF samples were observed.  

2.2 Heat treatment and microstructural characterization 

The aim of the present study is to identify the optimal T6 heat treatment conditions for the LPBF AlSi10Mg 

alloy considering its peculiar microstructure. For this reason, a preliminary study was carried out to assess 

the effect of the heat treatment parameters on the main microstructural features. Thereafter the mechanical 

performances of the optimized T6R were investigated and compared with those of the alloy in the AB 

condition and after T5 and T6B heat treatments, as summarized in Table 4. 

Table 4. LPBF AlSi10Mg alloy heat treatment conditions investigated by tensile test. 

Condition Acronym Heat treatment 

As-built AB - 

T5 direct artificial aging T5 (AA) at 160 °C for 4h, air cooling 

T6 benchmark heat treatment  T6B 
(SHT) at 540 °C for 1h, water quenching at room temperature, 

(AA) at 160 °C for 4h, air cooling 

T6 rapid heat treatment T6R 
(SHT) at 510 °C for 10 min, water quenching at room temperature, 

(AA) at 160 °C for 6 h, air cooling 

The temperatures and soaking times (Table 5) of the SHTs investigated in the present work were defined 

based on a wide survey of the literature and in particular of the results reported in [25,32,35,43-45]. As the 

positioning of the samples in the furnace chamber leads to a reduction of its temperature, the soaking time 

was evaluated from the time when the target value for SHT was reached. Microstructural analyses were 

carried out after quenching the samples in water at room temperature. 

Table 5. Investigated SHT conditions for LPBF AlSi10Mg specimens.  

Temperature (TSHT) 
 

Soaking time (tSHT) 

450 °C - - - - - 60 min 120 min 

510 °C 5 min 10 min 15 min 20 min 30 min 60 min - 

540 °C - - - - - 60 min - 

Density measurements were carried out by Archimedes' principle on as-built and solutioned (SHTed) 

samples (Table 5), according to ASTM B962 [46]. Four samples were analyzed for each condition. To 

reduce the influence of surface roughness, before the test the specimens were ground by emery papers up 

to 1200 grits. The weight measurement was repeated three times in air and distilled water. The effective 

density 𝜌𝑒𝑓𝑓 was elaborated according to the following equation (1): 

𝜌𝑒𝑓𝑓 =
𝜔𝑎𝑖𝑟

𝜔𝑎𝑖𝑟−𝜔𝑤𝑎𝑡𝑒𝑟
𝜌𝑤𝑎𝑡𝑒𝑟  (1) 
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where 𝜔𝑎𝑖𝑟   and 𝜔𝑤𝑎𝑡𝑒𝑟 are the weight of the samples in air and in distilled water, respectively. Considering 

the density of bulk material (𝜌𝑏𝑢𝑙𝑘) equal to 2.68 g/cm3 for the AlSi10Mg alloy [36], the relative porosity P in 

terms of volume percentage was evaluated as follows: 

𝑃 = (1 −
𝜌𝑒𝑓𝑓

𝜌𝑏𝑢𝑙𝑘
).100  (2) 

X-ray diffraction (XRD) was performed in Bragg-Brentano geometry with a PANanalytical X’Pert PRO 

diffractometer, using a Cu Kα radiation source (λCu=0.15418 nm). Patterns were acquired in the 2θ range 

from 20° to 110° with a 0.02° step size and a 4 s dwell time. After phase identification, a semi-quantitative 

analysis was carried out to evaluate differences induced by the different heat treatment parameters, by 

calculating the following: the lattice parameters, the full width at half maximum (FWHM) and the ratio 

between Si and Al main peak counts [47,48]. 

Microstructural analyses were carried out on the as-built and heat-treated samples using optical microscopy 

(OM) and field emission-gun scanning electron (FEG-SEM) microscopy. FEG-SEM was equipped with 

energy-dispersive X-ray spectroscopy (EDS). Metallographic samples were embedded in conductive resin, 

ground by emery papers up to 1200 grit, polished by diamond suspensions from 9 μm to 1 μm, according to 

ASTM E3 [49] and then etched with Weck’s reagent (3g NH4 HF2, 4 mL HCl, 100 mL H2O) according to 

ASTM E407 [50].  

Image analysis was carried out by the ImageJ software to identify morphology, size, spatial distribution, and 

average near-neighbor distance of the eutectic Si particles embedded in the Al matrix. For each solution 

condition, five FEG-SEM images were analyzed for a total area of about 4x10-3 mm2. The image analysis 

procedure included the microstructure tessellation by a particle surface-based algorithm into a mesh of 

Voronoi cells (ImageJ plug-in), each containing an individual particle, as suggested by Li et al. [51]. The 

Voronoi tessellation allowed the division of the analyzed region into sub-regions so that each Si particle was 

associated with an area that is closer to it than to any other. This makes it possible to estimate the average 

nearest-neighbor distance among the Si particles [51]. The analysis process was standardized to guarantee 

repeatable results. The FEG-SEM images (Fig. 2.a) were elaborated through a threshold function to identify 

the Si particles (Fig. 2.b). Subsequently, the images were processed to define the Voronoi tessellation 

resulting from Si particle distribution (Fig. 2.d) and the average nearest-neighbor distance for each image 

was calculated. Particular attention was paid to different quantitative parameters: (i) average area of Si 

particles; (ii) Si particle number per unit area; (iii) average near-neighbor distance. 
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Fig. 2. Example of the image analysis processing path comprising: (a) the original FEG-SEM image; (b) identification of Si particles by 

threshold function; (c) conversion into binary image; (d) the Voronoi tessellation (red lines define the average nearest-neighbor distance 

for each Si particle). 

From the results of the microstructural characterization, TSHT=510 °C and tSHT=10 min were identified as the 

best temperature and time for the SHT and hereafter referred to as SHTR. This short solution treatment was 

applied to the samples that underwent further artificial aging and the subsequent mechanical 

characterization.  

Artificial aging (AA) curves were evaluated for both AB and SHTR alloys according to the temperature-time 

conditions listed in Table 6. Vickers hardness (HV1) tests were performed on the heat-treated samples, 

according to ASTM E92 [52], to determine hardness as a function of aging time and temperature.  

Table 6. Artificial aging conditions for T5 and T6R heat treatments 

Initial alloy condition Heat treatment 
Artificial aging conditions 

Temperature (TAA) Soaking time (tAA) 

As-built (AB) T5 160 °C/170 °C/180 °C 1÷8 h 

Solution treated (SHTR) 
and quenched (510 °C for 10 min) 

T6R 160 °C/170 °C/180 °C 1÷10 h 

2.3 Mechanical characterization 

Tensile and HV1 hardness tests were performed on samples that underwent different heat treatments. Each 

tested condition was reported in Table 4. Round dog-bone tensile samples (gauge length L0 = 25 mm, gauge 

diameter d0 = 5 mm) were machined from the heat-treated specimens (Fig. 3). Tensile tests were carried out 

at room temperature on a screw-testing machine at a strain rate of 3.3×10−3 s−1 according to ISO 6892-1 and 

ISO 6892-2 [53,54]. Yield strength (YS), ultimate tensile strength (UTS) and elongation to failure (ef) were 

evaluated as the average of at least four samples for each investigated condition.  

 
Fig. 3. Tensile sample geometry (dimensions in mm). 

3 RESULTS 

3.1 Density measurement  
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Density measurements were carried out on each specimen before and after the solution step to evaluate the 

effect of SHT on the gas porosity content. This porosity is mainly due to the protective gases (such as Ar or 

N2) used in the building chamber and the H2 present in moisture on the powder surface. The average density 

of the as-built samples was 2.656±0.003 g/cm3 with a consequent porosity content of 0.91%. The average 

increase of the porosity induced by different TSHT and/or different tSHT is reported in Fig. 4. These data clearly 

show that porosity content rises with an increase in both solution temperature and time. Compared with the 

amount of porosity in the AB samples, at 510 °C the porosity increases from 13.3% after 5 min to 31.6% 

after 1 h of tSHT, whereas for 1 h of solubilization the porosity increases from 18.6% at 450 °C to 40% at 540 

°C. The latter represents the worst possible analyzed SHT condition, leading to the highest porosity content. 

As expected, the increase of porosity is more affected by TSHT than tSHT. As a matter of fact, at high 

temperature the gas pressure in the pores increases, the alloy strength decreases and consequently 

porosities can grow [43,44]. However, on the basis of these results, it is possible to infer that SHT at 510 °C, 

with soaking time ,of up to 15 min, is able to limit the porosity content increase. 

  
Fig. 4. Effect of TSHT and tSHT on the increase of pores content in the heat-treated compared with the AB samples.   

3.2 X-ray diffraction  

The main parameters derived from XRD patterns of LPBF AlSi10Mg alloy are summarized in Table 7 and 

Figure 5, as a function of different SHT conditions. The Si/Al ratio was determined by equation 3, as the ratio 

between the area under the Si <111> peak and the Al <111> peak, 

𝑆𝑖

𝐴𝑙
=

𝐴𝑟𝑒𝑎𝑆𝑖<111>

𝐴𝑟𝑒𝑎𝐴𝑙<111>
  (3) 

while the effect of the different SHT conditions on the amount of the Si dissolved in Al, was assessed by 

means of Vergard’s law (4) [55]:  

𝑎 = −0.0174𝑥𝑆𝑖 + 0.40491 (4) 

where a is the lattice parameter of FCC Al and XSi is the atomic fraction of dissolved Si.  

FCC Al and diamond cubic Si phases were identified in the XRD patterns of all the samples, with lower 

intensity for Si than for Al. FCC Al reflections were always sharp, indicating the presence of large crystallites, 

while no texture was observed. As reported by [10], in fact, the bidirectional stripes scan strategy of 67° 

rotation between subsequent layers, the large hatch distance (170 μm) and the high layer thickness (50 μm) 
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used for the production of the LPBF samples can lead to the absence of texture, conversely from 

unidirectional or bidirectional scan strategy. 

The Si FWHM values indicate the presence of finer Si crystallites in AB than in the heat-treated alloy, due to 

the high cooling rate during LPBF, as also observed by [56]. Among the SHTed specimens treated at 510 

°C, those that underwent the shorter solution time of 5 and 10 min have a higher FWHM than the others, due 

to the retention of smaller Si crystallites. The FWHM of these samples is also broader compared with that of 

SHT specimens which underwent low TSHT (450 °C), but longer tSHT (1÷2 h). For tSHT equal to 1 h, the FWHM 

decreases, and the Si/Al ratio increases with rising TSHT, indicating an increase of eutectic Si particle size 

and amount, respectively. These data agree with the results of microstructural analyses reported in the 

following sections.  

Table 7. Si <111> peak FWHM and Si/Al ratio for AB and SHTed samples. 

Heat Treatment TSHT [°C] tSHT [min] Si <111> FWHM Si/Al XSi [%] 

None (AB) - - 0.394 0.08 4.17 

SHT 450 60 0.148 0.13 3.14 

SHT 450 120 0.148 0.25 2.81 

SHT 510 5 0.197 0.02 5.90 

SHT 510 10 0.197 0.03 6.90 

SHT 510 15 0.148 0.04 5.56 

SHT 510 20 0.148 0.08 4.55 

SHT 510 30 0.148 0.14 3.64 

SHT 510 60 0.148 0.15 3.34 

SHT 540 60 0.148 0.19 3.34 

The plot in Figure 5 clearly shows that the highest amount of Si dissolved in Al (XSi) is present in the samples 

subjected to SHTR for 10 min at 510 °C, while longer tSHT leads to a decrease of Al saturation. However, as 

expected, the lowest amount of Si in solid solution was detected in the aged samples (XSi = 0.19 at.% for 

T6R). Hence the aging treatment, as expected, led to the formation of Mg2Si hardening precipitates and to 

the consequent reduction of the Si supersaturation in the Al-rich matrix [22].  

 
Fig. 5. Amount of Si dissolved in FCC Al (XSi) estimated by Vergard’s law for SHTed samples with different TSHT and tSHT and for a T6R 

heat-treated sample. 

3.3 Microstructure 
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The microstructural analyses aimed to identifying the optimal solubilization conditions by comparing the 

effect of different heat treatments on MP structure, cellular microstructure, porosity, as well as size, amount 

and distribution of Si particles.  

The OM images reported in Figure 6 clearly show the evolution of the MP structure as a function of the heat 

treatment temperature. The T5 heat treatment (TAA=160 °C, tAA=4 h) has no remarkable effect (Fig. 6.b) on 

the MP structure characterizing the AB samples (Fig. 6.a). The diffusion processes at the aging temperatures 

(in this study ranging between 160 and 180 °C) are negligible and consequently their effects on the 

microstructure are negligible too [15,24,27]. The microstructure, in contrast, is clearly affected by the SHT, as 

evident in Figures 6.c and 6.d. In SHTed samples the MP structure disappears, leading to similar 

homogeneous microstructures both in the samples subjected to the benchmark solution treatment (SHTB) 

used to the T6B heat treatment (Fig. 6.c) and the SHTR (Fig. 6.d). 

  
  

  
Fig. 6. OM images of LPBF AlSi10Mg microstructure: (a) AB; (b) T5: TAA=160 °C tAA=4 h; (c) T6B: TSHT=540 °C tSHT=1 h, TAA=160 °C 

tAA=4 h; (d) T6R: TSHT=510 °C tSHT=10 min, TAA=160 °C tAA=6 h. The T5 heat treatment did not affect the MP structure that was instead 

completely deleted by the SHTR and conventional SHT.  

Fuller investigations on the effect of different TSHT and tSHT on the microstructure evolution were carried out 

by FEG-SEM (Fig. 7). 
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Fig. 7. LPBF AlSi10Mg microstructures: (a) AB; (b) T5: TAA=160 °C tAA=4 h; after solution phase: (c) TSHT=450 °C tSHT=1 h; (d) TSHT=510 
°C tSHT=5 min; (e) TSHT=510 °C tSHT=10 min; (f) TSHT=510 °C tSHT=15 min; (g) TSHT=510 °C tSHT=30 min; (h) TSHT=510 °C tSHT=1 h; (i) 
TSHT=540 °C tSHT=1 h. 

In the AB and T5 samples the particular solidification conditions led to the formation of sub-micrometric cells 

of supersaturated α-Al solution surrounded by a eutectic Si network (Fig. 7.a and 7.b). The figures show both 

equiaxed and uniform cells in correspondence with the MPC and coarser and elongated cells next to the 

MPB, as described in [13-17]. Moreover, at higher magnification (Fig. 8), the presence of acicular nano-sized 

Si precipitates within the cells of the Al matrix is clearly visible, both in the AB and T5 samples. Their 

formation is induced by the prolonged exposure to high temperature, due to the use of a heated platform 

(150 °C for 30 h), while the following artificial aging (160 °C for 4 h) did not have remarkable effects on Si 

precipitate size and distribution [15,25]. 

  
Fig. 8. LPBF AlSi10Mg alloy microstructures: (a) AB; (b) T5: TAA=160 °C tAA=4 h. 

During SHT, the AB microstructure evolved from the ultrafine cellular structure to a composite-like 

microstructure of eutectic Si particles embedded into the α-Al matrix (Fig. 7.c to 7.k). The dissolution of the 

eutectic Si network and the nucleation of the first nano-sized Si particles can take less than 5 min at high 

temperature (Fig. 7.e). However, the final size and distribution of the Si particles is a function of both TSHT 
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and tSHT in agreement with the findings of [6,32,35,39], confirming the importance of Si diffusion processes in 

the particle growth and coalescence. 

To carefully assess the effects of SHT conditions on the microstructure, and thereafter on the mechanical 

properties, a complete image analysis of the Si particles was carried out. Figure 9 shows the average area of 

the Si particles (Fig. 9.a) and their number per unit area (Fig. 9.b) for each solution condition. The lowest Si 

particle area and the highest density of Si particles per unit area was observed for SHT carried out at TSHT of 

510 °C and for tSHT in the range of 5÷15 min, indicating that a very short SHT leads both to smaller and more 

homogeneously distributed Si particles in the Al matrix, as also confirmed by their lower distance (Tab. 8). 

  
Fig. 9 Effects of different SHT conditions on: (a) Si particle average area; (b) number of Si particles per unit of area. 

As reported by Chen [21], reducing the inter-particle distance can induce an increase of the alloy strength 

contributed by Orowan looping in polycrystalline metals due to the higher stress required to unlock 

dislocations motion through the nano and micrometric Si particles [34,57-59]. Accordingly, Si particle size 

and distribution also play a key role in the strengthening process of the alloy. The increase of stress is mainly 

due to the Orowan strengthening mechanism and can be estimated by the following equation:  

∆σ =
MGb 

λ
 (5)  

In equation (5), M is the Taylor factor (3.06 for FCC crystals), G is the shear modulus (25.4 GPa for Al), b is 

the Burger's vector (0.286 nm for Al) and λ is the inter-particle spacing (µm) [21]. The results reported in 

Table 8 clearly show the correlation between a more homogeneous distribution of Si particles into the Al 

matrix and a higher strengthening level due to dispersed second phases. Table 8 reports the increased 

strength due to the Orowan mechanism, evaluated for each SHT condition, and the comparison with SHTB 

(TSHT=540 °C and tSHT=1 h), to focus on the increased strength introduced by the finer microstructure and to 

minimize possible systematic errors due to the analysis process. According to equation 5, a SHT at 510 °C 

for 10 min could lead to the maximum improvement of YS of 20 MPa, compared with SHTB. 

Table 8. Inter-particle spacing (λ) and increased strength due to the Orowan mechanism for different SHT conditions. 

Temperature (TSHT) Soaking time (tSHT) λ [µm] ∆𝛔𝒕𝒉 [𝐌𝐩𝐚]  ∆𝛔𝒕𝒉 − ∆𝛔𝟓𝟒𝟎°𝑪−𝟏𝒉 [𝐌𝐩𝐚] 

450 °C 
1h 0.78 ± 0.01 30 ± 0.2 9 

2h 0.93 ± 0.02 25 ± 0.4 4 

510 °C 

5min 0.59 ± 0.02 39 ± 1.6 18 

10min 0.57 ± 0.02 41 ± 1.3 20 

15min 0.60 ± 0.01 39 ± 0.8 18 
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20min 0.67 ± 0.02 35 ± 0.8 14 

30min 0.81 ± 0.04 29 ± 1.5 8 

1h 0.86 ± 0.01 27 ± 0.4 6 

540 °C 1h 1.11 ± 0.06 21 ± 1.1 x 

Several authors [35,37,39] have reported a positive effect on the mechanical performance of the LPBF 

AlSi10Mg of a homogeneous distribution of small Si particles in the α-Al matrix. Moreover, a finer 

microstructure can lead to a further improvement in the mechanical performance of the alloy, since small Si 

particle size means high cohesion of the particles with the α-Al matrix and hence higher alloy strength and 

ductility. However, to the best of the authors’ knowledge, a quantitative evaluation of their effects was yet to 

be carried out. 

The size distribution of the Si particles for the samples which underwent SHTR and SHTB is reported in 

Figure 10. These results point out the difference between the area of the Si particles in the SHTR compared 

with the SHTB samples. For the first one, about 98% of the Si particles is characterized by an area below 0.5 

μm2, while for the latter the Si particle area distribution is shifted up to 5 μm2 (Fig. 10).  

 
Fig. 10. Area distribution of Si particles for SHTR (TSHT=510 °C and tSHT=10 min) and SHTB (TSHT=540 °C and tSHT=1 h) conditions. 

From the results of density measurements, XRD and microstructural analyses, SHTR offers several 

advantages by comparison with the other SHT conditions in that: (i) it limits the increase in the porosity 

content due to high temperature exposure; (ii) it leads to finer and more homogeneous microstructure in 

terms of eutectic Si particles; (iii) it favors the development of a more supersatured α-Al matrix; (iv) it should 

induce both higher strength and ductility after subsequent aging. Therefore, the SHTR has been identified as 

the optimal SHT for the LPBF AlSi10Mg alloy.  

3.4 Aging curves 

The effect of artificial aging on the hardness of the LPBF AlSi10Mg alloy has been studied in both the AB 

and SHTR conditions to evaluate the aging curves for T5 and T6R heat treatments. 

The aging curves on AB samples at 160 °C, 170 °C and 180 °C for times up to 8 h are reported in Figure 

11.a. The curves highlight that after AA the hardness decreases compared with the hardness of the AB alloy. 

The reduction is negligible up to 4 h at 160 °C, while for the other temperatures the decrease in hardness 

was already observed after 1 h. At 160 °C and 170 °C the maximum hardness drop is respectively 4% and 

6% after 8 h, while at 180 °C a significant hardness drop of about 15% already occurs after 5 h. This 
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behavior can be explained considering that the manufacturing process of the samples is carried out using a 

heated platform (150 °C) and takes about 30 h. This promotes the formation of strengthening acicular nano-

sized Si precipitates within the cells of the α-Al matrix, as observed in Figure 11.a. AA, as a function of the 

aging temperature and time, may not have appreciable effects on Si precipitates or it may induce their 

coarsening with a consequent decrease of the material hardness at temperatures higher than 150 °C. 

The aging curves (Fig. 11.b) of the alloy after SHTR (T6R heat treatment) show the typical trend for solution 

treated and quenched Al alloys, where hardness increases with increasing aging time and the peak aging 

condition shifts to shorter aging times with increasing aging temperature. It is worth noting that the SHTR, 

because of its effects on the microstructure (described in section 3.3), causes a hardness drop of about 45% 

compared to the AB condition. This drop is only partially recovered after the aging treatment because of the 

precipitation of β′′ and β′ strengthening phases [5,31,45]. 

   
 Fig. 11. Aging curves related to the conditions: (a) AB, (b) SHTR LPBF AlSi10Mg alloy at 160 °C, 170 °C, 180 °C. 

As a matter of fact, even in the peak-aged condition (TAA=160 °C and tAA=6 h) the hardness drop is equal to 

23% compared with the AB alloy. Despite the hardness reduction these data agree with data already 

published [5,15,37,38] for T6 heat-treated LPBF AlSi10Mg alloy, further confirming the effectiveness of the 

SHTR compared with a conventional SHT. Similar trends of the aging curves have identified by different 

authors [31,37,45], even if peak-hardening conditions have been identified for a longer time. Zhou et al. [45], 

starting from conventional T6 solution treatment conditions (TSHT=520 °C and tSHT=2 h and TAA=160 °C), 

identified the peak-hardening condition at 10 h. Comparable results were obtained by Padovano et al. [31] in 

the same T6 heat treatment conditions. However, the aging curves in the present paper show that the peak-

hardening conditions moves towards shorter aging time, occurring after 6 h. Probably this behavior is due to 

the higher Si supersaturation induced by SHTR compared to conventional SHT, which accelerates the 

precipitation kinetics hardening after quenching [60]. This finding agrees also with Wang et al. [6] and Zhou 

et al. [45], who highlighted that in LPBF AlSi10Mg alloy the precipitation kinetics and the results of T6 are 

closely linked to the effectiveness of the SHT. 

The aging curves at 170 °C and 180 °C, compared with the curve at 160 °C, show: (i) a shift of the peak 

hardness to a shorter tAA (3 h instead of 6 h); (ii) a lower peak hardness (7 and 11%, respectively); (iii) a 

faster overaging, with a residual hardness after 8 h at 180 °C equal to the hardness of the alloy after SHTR. 

In addition, for these aging temperatures the hardness trends agree with those reported in the literature 

[31,38,45], but with the peak hardness shifted to shorter tAA because of the faster precipitation kinetics. It is 
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moreover worth nothing that after 8 h at 180 °C the residual hardness is the same as the SHTRed alloy 

[15,61]. 

In the light of the above, the influence of the following heat treatment conditions on the tensile behavior of 

LPBF AlSi10Mg alloy was assessed and compared with the T6B:  

(i) T5 direct artificial aging: 160 °C for 4 h and air cooling, with the aim of slightly increasing the 

elongation to failure of the alloy compared with AB alloy.  

(ii) T6 rapid solution treatment (T6R): SHTR at 510 °C for 10 min, water quenching at room 

temperature, artificial aging at 160 °C for 6 h and air cooling, to test the peak-hardening 

condition. 

3.5 Tensile Tests 

The tensile behavior and hardness values of the LPBF AlSi10Mg alloy after the T5 and T6R heat treatments 

were compared with those of the LPBF AlSi10Mg alloy in the AB and T6B conditions. The hardness HV1 of 

the tensile samples and the results of the tests are reported in Figure 12, while representative stress-strain 

curves are reported in Figure 13.  

     
 

     
Fig. 12. Tensile properties and hardness of the LPBF AlSi10Mg alloy related to the conditions: (i) AB, (ii) T5 (AA at 160 °C for 4 h), (iii) 
T6B (SHTB at 540 °C for 1 h and AA at 160 °C for 4 h) and (iv) T6R (SHTR at 510 °C for 10min and AA at 160 °C for 6 h). 
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Fig. 13 Representative tensile stress-strain curves of the LPBF AlSi10Mg alloy related to the conditions: (i) AB, (ii) T5 (AA at 160 °C for 

4 h), (iii) T6B (SHTB at 540 °C for 1 h and AA at 160 °C for 4 h) and (iv) T6R (SHTR at 510 °C for 10min and AA at 160 °C for 6 h). 

Among the tested samples, the AB and T5 heat-treated samples show the highest strength, as well as the 

lowest elongation to failure (Fig. 12), due to the concurrent effect of several strengthening mechanisms 

typical of their peculiar microstructure: microstructural refinement, solid solution, aggregated second phase 

(eutectic Si network), high dislocation density and precipitation hardening. 

The T5 heat treatment leads to a slight increase of the tensile properties compared with the AB condition, 

respectively equal to 3.7% for hardness, 1.1% and 2.4% for UTS and YS, and 4.8% for ef. According to the 

literature survey [15,24,25] this slight improvement of the mechanical performance of the T5 heat-treated 

alloy could be related to: (i) the formation of acicular nano-sized Si precipitates within the cells of the Al 

matrix, (ii) the partial stress relief occurring during the T5 heat treatment and (iii) the preservation of the AB 

microstructure with its main strengthening mechanisms. The higher improvement of the mechanical 

performance reported in the literature by the T5 heat treatment [15,25] than that recorded in the present work 

is attributable to the use of a not heated platform in these studies, while in the present work the platform was 

heated to 150 °C. Platform heating, in fact, increases the amount of acicular nano-sized Si strengthening 

precipitates that already form during the building of the samples in the cells of the α-Al matrix, as confirmed 

by the previously reported microstructural analyses (Fig. 8.a and 8.b). Therefore, it can be inferred that the 

T5 heat treatment performed in the present study had a lower effect on the amount of Si precipitates and, 

consequently, on their strength by comparison to [15,25], due to the heated platform. The T5 heat treatment, 

moreover, had no beneficial effects on the ductility due to its negligible effect on the MPB, which ensures a 

preferential path for the crack growth during the tensile tests analogous to that observed in the AB samples 

(see section 3.6.1). 

On the contrary, the T6B induces a YS reduction of about 10%, a UTS reduction of about 45% but an 

increase of the ef of about 200% compared to both the AB and the T5 heat-treated alloy. 

These findings agree with the results reported in [5,15,25,35,37] and have been widely explained in the light 

of the microstructural changes which take place mainly during the SHT, such as the disappearance of the 

MP structure or the development of the composite-like microstructure of Si particles in α-Al phase matrix in 

place of the cellular structure [15,22,32,33]. These microstructural changes, in fact, induce a remarkable 

reduction of the solid solution reinforcement, the loss of both microstructural refinement and aggregate 
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second phase strengthening mechanisms, and a drop in the dislocation density. The loss of the main 

strengthening mechanisms active in the AB alloy is only partially balanced by the precipitation of both β′′ and 

β′ strengthening phases and the dispersed second phase reinforcement, due to the presence of globular Si 

particles inside the α-Al matrix. In contrast, the disappearance of scan tracks, MPB and HAZ, besides an 

overall reduction of the inhomogeneity inside the microstructure and of the internal residual stresses, leads 

to an increase of the ductility of the alloy. 

The new proposed T6R heat treatment induces an increase of both strength (about 14% and 4% for YS and 

UTS, respectively) and ductility (about 7% for ef) compared with the T6B heat treatment, while comparison 

with AB and T5 samples shows similar YS and significantly higher elongation to failure (more than 200%), 

while UTS is lower at about 30%. 

The increase in mechanical performance both in terms of strength and ductility of the T6R compared to the 

T6B treatment can be mainly ascribed to its finer and more homogeneous microstructure (widely described 

in section 3.3). The smaller Si particles, in fact, allow: (i) an increase in the effect of the Orowan 

strengthening mechanism; (ii) an increase in the cohesion between Si particles and α-Al matrix; (iii) a 

reduction in the tendency of the Si particles to fracture; (iv) a reduction in the gas porosity content 

[25,35,37,39].  

These considerations are confirmed by the fact that equation 5, which estimates the increase of the alloy 

strength due to the Orowan mechanism, was able to evaluate with good approximation the effect on the YS 

of the alloy of the different composite-like microstructures induced by T6R and T6B. According to equation 5, 

the T6R samples have a higher YS of 20 MPa compared to T6B ones, a value in agreement with the results 

of the tensile tests that highlighted a difference (ΔYS) between the YS of the T6R and T6B samples of 30 

MPa. This small difference between calculated and measured ΔYS could be ascribed to the effects of the 

other microstructural changes on the above reported strengthening or failure mechanisms. 

It is finally worth noting how the microstructure also affects the strain-hardening capability of the LPBF 

AlSi10Mg alloy. The AB and T5 alloys, as highlighted by the stress-strain curves (Fig. 13), show a higher 

strain hardening compared to that of the T6R and T6B samples. According to Chen et al. [21] this behavior is 

mainly due to the ultrafine cellular structure and indicates the possibility for ultrafine cellular structures, 

obtained by means of LPBF, to achieve large uniform elongations. The presence of an inhomogeneous 

microstructure, with MPB, HAZ and defects such as pores and lack of fusion, however, reduces the 

elongation to failure of the AB and T5 samples, so that it is lower than the uniform deformation of T6B and 

T6R samples which have a coarser but more homogeneous microstructure. 

3.6 Fractography 

With the aim of highlighting the effect of heat treatment conditions on the fracture mechanisms of LPBF 

AlSi10Mg alloy, the analysis of the fracture surfaces was carried out both by OM and by SEM to identify the 

main failure mechanisms.  

3.6.1 OM Analyses 

In the AB and T5 heat-treated alloy (Fig. 14), the fracture propagates preferentially along the MPB. These 

regions are characterized by a coarser microstructure, lower Si content (for the larger α-Al cells area) and 
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higher density of defects (like lack of fusions), representing the weakest zones of the microstructure [16]. No 

significant differences in the macro and micro fracture features have been observed between T5 and AB 

samples, further confirming that the direct aging treatment after the LPBF process has no substantial effects 

on the alloy microstructure.  

In contrast, in both T6B and T6R heat-treated alloys (Fig. 15) the fracture propagates joining the pores 

present at the Si particles/α-Al matrix interface, originated by the decohesion of the Si particles from the 

matrix [12]. The fracture mechanism is like cast Al-Si alloys, where the nucleation of the micro-voids occurs 

at the soft matrix/hard phase interface, followed by growth and coalescence of the voids. However, because 

of the finer and more homogeneous Si particle distribution, it is possible to observe a smoother crack path in 

the failed T6R compared to the T6B samples (Fig. 15). As a matter of fact, the larger and more irregular Si 

particles and the higher amount of gas porosities in the T6B compared to the T6R samples induce the 

formation of larger pores (Fig. 15), which promote failure under tensile loading with the development of 

rougher fracture surfaces. 

     
Fig. 14. Longitudinal section of the fracture surface relative to the (a) AB and (b) T5 conditions. Each optical micrograph shows the 

same crack propagation path along the MPB. 

     
 

     
Fig. 15. Longitudinal section of the fracture surface relative to the (a,c) T6B and (b,d) T6R conditions. The T6B samples show larger Si 
particles, higher internal pore density and higher fracture surface roughness than the T6R samples.  
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3.6.2 SEM Analyses 

As described in the previous section, AB and T5 heat-treated LPBF AlSi10Mg samples show the same 

fracture surface morphologies. Focusing on the AB condition, the low magnification SEM images of the 

fracture surfaces (Fig. 16.a and 16.b) highlight: (i) an interlayer fracture path, (ii) large defects (lack of fusion 

and pores), (iii) flat zones where scan-track segments are clearly visible and (iv) a crack path that develops 

due to decohesion at the interface between the Si eutectic network and the α-Al matrix [32]. These images 

agree with the previous observations, highlighting the development of the fracture path mainly through the 

weakest zones of the microstructure such as MPB, HAZ and defects. This preferential fracture path induces 

an inter-layer fracture with consequent low ef. Fracture surfaces at higher magnification (Fig. 16.c, 16.d) are 

characterized by shallow micro and sub-micrometric dimples, with a jagged, sharp, and irregular morphology. 

This morphology is probably due to the tear-fracture mechanism at the Si network/α-Al cells interface, which 

leads to the formation of dimples with a size and morphology that mirrors the sub-cellular microstructure of 

the alloy and reflects the high strength and low ductility of the material. This feature is probably accentuated 

by the presence of Si nanoparticles within the center of the cellular eutectic cells (highlighted in section 3.3), 

which further increase the strength of α-Al and reduce its ductility [27,30].   

The microstructure evolution induced by T6 heat treatments also significantly modified the fracture 

morphology of both T6B and T6R samples compared with AB and T5 samples, mainly at high magnification. 

At low magnification (Fig. 17.a, 17.b, 18.a and 18.b) fracture surfaces of both T6B and T6R are 

characterized by irregular surfaces and large defects, mainly pores. Even if the T6 heat treatments actually 

homogenize the microstructure and delete the MPB and HAZ [5,36,39], which represent a preferential crack 

path, some scan tracks are still observed, in agreement with the findings of Girelli et al. [62]. The fracture 

surface analyses, in contrast, are not able to highlight a clear increase in gas porosity in the T6 heat-treated 

alloy compared with AB or T5 heat-treated samples, as pointed out by the density measurements (section 

3.1). The differences in both the amount and size of gas pores appears negligible among the AB, T5, T6R 

and T6B samples and this can be explained considering that, independently from the samples condition, the 

crack propagates through the weakest path with the highest number of defects. 

Fracture surface analyses at high magnification of both T6B and T6R samples show a completely ductile 

failure mode, characterized by deep dimples (Fig. 17.c and 18.c), instead of the shallow dimples observed in 

the AB and T5 samples. However, the different size and distribution of the Si particles in the alloy after T6B 

and T6R heat treatment clearly affect the dimples feature, despite the same fracture mechanism. In the T6B 

samples, the coarse and inhomogeneously distributed Si particles lead to the formation of large and very 

deep dimples and tear ridges (Fig. 17.d). The first are caused by the decohesion between Si particles and Al 

matrix or the fracture of the larger Si particles [27,32,63], while the latter is caused by local plastic flow 

induced by the presence of large particles or pores close to each other. In the T6R samples, in comparison, 

the Si particles are less prone to fracture because of their smaller size and globular morphology, and 

therefore the dimples mainly nucleate at the Si particle/α-Al matrix interface rather than by cracked particles 

(Fig. 18.d). The homogeneous distribution of the fine Si particles induces the development of finer dimples 

and a more uniform plastic deformation, compared to the T6B alloy. 
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Fig. 16. FEG-SEM images of the fracture surfaces of the LPBF AlSi10Mg parts in AB condition at different magnifications: (a) 40x, (b) 

1.50kx, (c) 5.00kx, (d) 10.00kx.  
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Fig. 17. FEG-SEM images of the fracture surfaces of the LPBF AlSi10Mg parts in T6B condition at different magnifications: (a) 40x, (b) 

1.50kx, (c) 5.00kx, (d)10.00kx. 

     
 

      
Fig. 18. FEG-SEM images of the fracture surfaces of the LPBF AlSi10Mg parts in T6R condition at different magnifications: (a) 40x, (b) 

1.50kx, (c) 5.00kx, (d) 10.00kx.  

6 Conclusions 
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In the present work the effects of a different SHT and AA condition on the microstructure of the LPBF 

AlSi10Mg alloy were investigated. This study allowed the definition of a customized heat treatment (T6R) for 

the LPBF AlSi10Mg alloy, consisting of a rapid SHT (510 °C for 10 min) followed by AA (160 °C for 6 h). The 

performance of the T6R heat-treated LPBF AlSi10Mg alloy was compared with the alloy subjected to 

different heat treatment conditions: AB, T5 heat-treated (direct AA of the AB alloy for at 160 °C for 4 h) and 

conventionally T6 heat-treated (T6B) consisting of a SHT (540 °C for 1 h) followed by AA (160 °C for 4 h). 

The T6B was considered the benchmark condition. 

The following conclusions can be drawn: 

• The SHT increases the volume of the gas pores in the LPBF AlSi10Mg alloy. The use of low 

temperatures and/or short times limits their expansion.  

• The SHTR (510 °C and time between 5 and 20 min) allows a higher level of Si supersaturation in the 

α-Al matrix in comparison to both the AB alloy and the alloy subjected to longer soaking time.  

• The SHTR leads to the development of a composite-like microstructure of Si particles embedded in 

the α-Al phase matrix. Compared with the Si particles induced by conventional SHT, these are finer 

and more homogeneous both in size and distribution.  

• The SHTR accelerates the kinetics of precipitation hardening, moving the peak-hardening condition 

towards a shorter time.  

• The T6R improves YS, UTS and ef by about 14%, 4% and 7% respectively, compared with the T6B 

heat treatment. Moreover, the T6R AlSi10Mg alloy, compared to the AB and T5 alloy, has a similar 

YS and a higher elongation (about 210%), but lower UTS (about 30%).  

• The estimation of the Orowan strengthening effect, due to the Si particles present in the T6R and 

T6B heat-treated alloy, confirms that the static mechanical properties of the LPBF AlSi10Mg alloy 

are affected more by the size and distribution of the Si particles than by other microstructural 

features. 

• The AB and T5 heat-treated alloy present similar fracture paths, preferentially along the MPB. 

However, because of the absence of the MPB after T6 heat treatment, in the T6 heat-treated alloy 

the failure propagation occurs linking both the voids formed at the Si particles/α-Al matrix interface 

and the inner pores. Moreover, at high magnification the fracture surfaces show shallow dimples in 

the AB and T5 heat-treated alloy and deep dimples in the T6 heat-treated alloy. The latter are finer in 

the samples that have undergone T6R compared to those that underwent T6B. 

After the investigations reported in this work, some issues remain still open: 

• The effect of the T6R on residual stresses, epitaxial grains and therefore on the fatigue behavior of 

the material; 

• The influence of the starting microstructure of LPBF AlSi10Mg (generated by LPBF process 

parameters used for the production of the AlSi10Mg samples) on the optimal parameters of the T6R 

heat treatment. 

These issues will be investigated in the next steps of this research. 
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